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Synopsis 

A model is presented to account for the large variations in tensile and tensile impact strength of 
amorphous polymers from a consideration of an idealized entanglement network. The material 
strength under tensile impact conditions is shown to be predictable and to increase with the “fineness” 
of the entanglement network; a higher entanglement density leading to more molecular chains 
supporting the stress. The entanglement density is, in turn, shown to increase with number-average 
molecular weight and the quotient of the length to the molecular weight of the chemical repeat unit 
(empirically found to be related to the critical enganglement molecular weight). Ductile behavior 
is demonstrated to occur under tensile impact conditions when the material strength UB exceeds 
the yield stress a, and brittle behavior when u, > US. It is further demonstrated that the large 
variation in tensile impact strength among the amorphous polymers studied can be adequately ac- 
counted for in terms of the large and predictable variation in ug; the larger UB is relative to a,, the 
more the polymer can draw (absorbing energy in the process) until UB is reached. Surprisingly, the 
predictions of strength for high-molecular-weight polycrystalline materials also gave good agreement 
with experimental data. 

INTRODUCTION 

The impact strength of polymers is a complex function of stress state, rate 
of deformation, temperature, molecular structure, and molecular weight. 
Generally, good impact strength is thought to arise out of the ability of a material 
to undergo yielding before a critical fracture stress is reached [Ludwik- Davi- 
denov-Orowan (LDO) hypothesis,l see Fig. 11. The ability to yield at  stresses 
appreciably below the fracture stress is in turn thought to be due to molecular 
mobility under the particular test conditions (temperature, rate of testing, and 
sample configuration). Yielding and the resulting necking in the tensile mode 
dissipate large amounts of energy leading to good tensile impact strength (TIS). 
Therefore, predictions of ductile or brittle behavior in terms of the interplay 
between the yield and fracture stresses go a long way toward the understanding 
of TIS. 

One approach, that was suggested2 as early as 1959, is the study of molecular 
motion below the glass-transition temperature Tg; dynamic relaxation peaks 
should be present below the testing temperature for good impact properties. The 
position that impact strength (and chain mobility) is directly related to low- 
temperature “secondary” glass transitions has been discussed at some length 
by S a ~ e r . ~  More recently, Yeh and Wyzoski4 have shown that the embrittlement 
of polycarbonate upon annealing was not accompanied by changes in relaxation 
behavior. 
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Cohesive 

Stress 

- Increasing temperature / 
Decreasing strain rate \ 

Fig. 1. Schematic diagram illustrating the Ludwik-Davidenov-Orowan theories of ductile-brittle 
transitions for temperatures below Tg or T, (where the breaking stress falls to zero). , 

Additionally, it has been shown5 that poly(pheny1ene oxide) is somewhat 
tougher than crystal polystyrene, even though no peaks can be detected between 
room temperature and liquid-nitrogen temperature. Furthermore, copolymers 
of methyl and cyclohexylmethacrylates show5 a pronounced low-temperature 
peak and are extremely brittle at room temperature. The rationalization of these 
phenomena is the requirement that the low-temperature peak must be an “ef- 
fective backbone motion” in order to provide good impact strength. 

A different approach has been put forth by Bueche et a13 in which they assume 
that the maximum elongation to break for polystyrene and poly(methy1 meth- 
acrylate) is accounted for by the elongation of the chains between entanglements 
(with no entanglement slippage). That there must be an element of truth in this 
approach is evident from the  observation^^^^ that a large part of the deformation 
is recoverable if sufficient molecular mobility is effected; this behavior suggests 
a long-range interconnectiveness such as a rubberlike material with high internal 
viscosity, a l thoah  this view is no doubt a gross oversimplification of a complex 
phenomenon. 

Much attention has been focused on the yield behavior of polymers in various 
states of stress. Surprisingly, however, a much smaller effort has been directed 
toward the material strength, which according to the “LDO” hypothesis is equally 
important in the impact behavior. The present study will demonstrate that the 
very large variations in the TIS and the ductile-brittle transition can, in large 
part, be accounted for by a consideration of the intrinsic strength of an entan- 
glement network structure. A model will be presented that is based on an as- 
sumed network in the amorphous polymer, in which the ultimate strength in 
tension is that of the interconnecting molecular strands spanning entanglement 
points. 

EXPERIMENTAL 

The samples used in this study are listed in Table I. The polycarbonate 
samples, polysulfone, polyphenylene oxide, polystyrene (sample K), poly(viny1 
chloride), poly(ethy1 methacrylate), and poly(viny1 acetate) were obtained from 
Aldrich Chemical Company as secondary standards with known molecular weight 
distributions. The remaining samples were produced by various commercial 
and experimental processes. 
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All specimens were tested for tensile impact using ASTM Type-L tensile bars, 
which were obtained from compression molded plaques (ASTM Designation 
D1822-61T). All compression molded samples were hard quenched in ice water 
to produce amorphous specimens. This was particularly hard to do for the 
lower-molecular-weight poly(ethy1ene terephthalate) (PET) samples. After 
the hard quenching no crystallinity by x ray could be detected (ca. 5% lower de- 
tection limit). Ductile specimens were cut out of the plaque using our die cutter, 
and brittle specimens were routed to the desired Type-L specimens. 

The load-time curves were measured by the use of a strain gauge on the Charpy 
pendulum impact equipment. The strain gauge was adapted to measure load, 
and was calibrated using a calibrated force gauge. The resulting load-time trace 
was recorded on a Tektronix dual trace oscilloscope. A typical trace is shown 
in Figure 2 for a ductile specimen. The breaking stress was calculated as the 
load at  break divided by the cross-sectional area of the specimen after break. 

The low-temperature results reported here were produced by immersing the 
specimen and holder in liquid nitrogen, and quickly transferring it to the impact 
apparatus for breaking. The transfer took about 3-5 sec before breaking. 

THEORY 
The data presented by Berryg have shown that the surface energy (rs, the 

energy required to produce unit area of new surface), and therefore the tensile 
strength, tend toward zero as the molecular weight of the sample approaches a 
characteristic molecular weight (25,000) for poly(methy1 methacrylate) (PMMA). 
This characteristic molecular weight is quite close to the critical molecular weight 
for entanglement for PMMA [ca. 27,500 (ref. lo)]. This result, together with 
similar results observed for polystyrene, suggest that the strength of amorphous 
polymers is related to the long-range interconnectiveness of an entanglement 
network. This view is further supported by the ability7 of highly deformed 
amorphous polymers to recover to their original shape upon heating above the 
glass-transition temperature. This recovery suggests that amorphous polymers 
should be regarded as rubberlike materials with very high internal viscosities 
below their Tg. 

F 
C E  

L I 1 I I I I I I I I  

2 4 6 8 10 
Time (m'sec ) 

Fig. 2. Typical load-time oscilloscope trace for impact of the ductile polycarbonate (sample A) at 
21OC. Fy is the load at yield and Fd the drawing load. 
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From the above ideas, i t  will be assumed as an integral part of the model to 
be developed that the true breaking stress in tension is the result of the inter- 
connectiveness of an entanglement network. Van der Wals forces will be ne- 
glected in favor of the much stronger covalent bonds forming the entanglement 
network. 

According to the LDO hypothesis,' the breaking stress depends little on strain, 
strain rate, and temperature, in marked contrast to the tensile yield stress; the 
process of yield and failure are considered independent processes. Figure 1 
schematically demonstrates this point. The experimental data of Vincent1' tend 
to confirm this trend. This relative insensitivity to temperature and test rate 
suggests that the breaking strength is a property of the material, which is to a 
first approximation independent of viscoelastic effects. Therefore, as our first 
approximation to the strength of amorphous polymers a hypothetical reference 
state will be chosen. This hypothetical ideal glassy reference state will be one 
in which no shear yielding can take place, but rather only normal stress failure. 
Upon application and subsequent rise of the stress, bonds (Van der Wals) are 
broken until the covalent bonds of a supporting chain is reached, with the result 
that small fissures may be imagined to develop throughout the sample with 
supporting interentanglement chains in the tensile direction blocking the growth 
of these fissures as schematically illustrated in Figure 3. The sample integrity 
is thus dependent on whether cracks between the supporting chains can grow. 
A t  the point of break these short interconnecting chain segments must be highly 
strained-their contributions to the macroscopic modulus being of the order of 
extended chains. This is not to imply that in the entanglement network the 
interentanglement molecular chains are fully extended, but rather that small 
segments spanning the fissures are highly strained. 

The key postulate of the model is that at a given temperature T and elon- 
gational strain rate i the breaking stress of both brittle and ductile amorphous 
materials are represented, to within a multiplicative constant K(T,C) (which 
depends on T and i ) ,  by the breaking stress of the hypothetical glassy reference 
state. If we assume that the ideal glassy state is approximated by low temper- 
ature tensile data, the breaking stress (GB) for the immobilized reference state 
might be expected to be of the order of twice that at room temperature from the 
study of UB versus temperature by Vincent" and 2% times from the data of 
Berry.12 We therefore expect K(T,C) to be ca. '12 at  room temperature. 

The plan is to attempt to calculate the strength of an entanglement network, 
in which no plastic flow takes place. The strength of this idealized state will, 

Entanglement 
point 
Open fissure 

Fig. 3. Schematic model of the idealized entanglement structure after application of a tensile 
stress. 
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using the above assumption, be used to represent the breaking strength of the 
real material at  room temperature. Admittedly, this assumption does not di- 
rectly appear to take into account the complicated processes of crack growth, 
plastic flow, crazing, and craze fracture that no doubt take place prior to failure. 
However, some experimental data’l tend to support my assumption. In the next 
section, polycarbonate, polysulfone, and poly(ethy1ene terephthalate) samples 
at  room and low temperature, where ductile and brittle failures, respectively, 
occur, will be shown to have essentially the same values of ug (the true stress). 
Finally, the extent of agreement of predictions using this assumption with ex- 
perimental findings will be taken as evidence of the essential correctness of the 
above postulate as a useful approximation. 

From the above discussion it is evident that the strength of the material will 
be related to the number of supporting strands or interconnections in the tet- 
rahedral entanglement network. For the case we are interested in here (impact 
conditions) we shall assume the entanglement junctions to behave as crosslinks 
with no slippage. Therefore, as Bueche13 has done for relating tensile strengths 
of rubbers by using a three dimensional idealized network of crosslinked chains, 
we will make use of the following relationship of Bueche13 to calculate the number 
of effective supporting chains per unit area n2 in a given direction (taken to be 
the tensile direction here): 

No is Avogadro’s number, p is the sample density, M, is equal to twice the mo- 
lecular weight between entanglements ( M e ) ,  and Mn is the number-average 
molecular weight of the sample. From this point on, it will be tacitly assumed 
that M ,  = 2Me, although there is disagreementlo on the exact relationship. 

In general we may expect that the “finer” the entanglement network, the more 
molecular chains support the load and the higher the ultimate material strength, 
based on the instantaneous sample cross-sectional area, not the original cross- 
sectional area. In order to fabricate a relationship between the true breaking 
stress and the entanglement structure, the result of O r ~ w a n ~ ~ J ~  for the rupture 
of a plane of atoms will be used. The relation of Orowan assumes the force- 
deflection relation of the strained localized elements is approximately sinusoidal 
and the radius of curvature of the crack tip is approximately the interatomic 
distance. Orowan’s final result is 

ug = (Ey,/c)1’2/2 (2) 

where 2c is the initial crack or fissure spacing (in our case will be Un) ,  ys is the 
energy required to create unit area of new surface, UB the applied stress at break, 
and E is the Young’s modulus of the assembly of bridging chain segments across 
a plane as shown in Figure 3. As schematically indicated in Figure 3, upon ap- 
plication of the tensile stress, cracks form with a length of l /n and widths cor- 
responding to a couple of covalently bonded units. The assumption will be made 
that this intrinsic flaw due to the supermolecular structure is the most serious 
flaw in the specimen. Voids due to free volume distribution and other cavities 
originally present would not generally be expected to develop as high local stresses 
at  the flaw tip as the interentanglement flaws envisioned because of the much 
smaller radius of curvature (sharper) of the postulated intrinsic flaws. The 
relative sharpness of the interentanglement fissures arises out of the assumed 
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lack of mobility in the reference state; chain segments would have to slide past 
each other in order to widen the crack width more than a couple of chain seg- 
ments. In our case we will have 

ys = Een2/2No, E = n2EoAo (3) 
where EB is the breaking energy per mole of bonds, Eo is the crystal lattice 
modulus in the chain direction, and A0 is the cross-sectional area of a lattice chain. 
Taking 2c = l /n,  combining eqs. (1)-(3), and taking K to be the ratio between 
CJB under the desired condition to be predicted and CJB in the hypothetical ref- 
erence state, we get 

Taking EB to be 80 kcal/mole (very close16 to either the carbon-carbon or 
carbon-oxygen covalent bond dissociation energy), E d 0  as 3.62 X dyn [from 
the average of polyethylene and poly(ethy1ene terephthalate) values from x-ray 
measurements],17 and K (297'K) N 1/2.35, we get 

The value of 1/2-35 for K was chosen to give best agreement with the experi- 
mental results presented in the next section. This value of K is consistent with 
that expected earlier since it was argued that K should be = l/2. 

The E d 0  average was calculated using the modulus for the crystal multiplied 
by the cross-sectional area per chain in the crystal, and it represents the modulus 
contribution of an extended chain. Me values are available for the common 
materials from the reviews of Porter and Johnson,18 Graessley,lo and Ferry.lQ 
M, values, for materials in which M ,  values had not been measured, were in- 
terpolated from the plot given in Figure 4 where the molecular cross-sectional 
area of the polymer chain A, was calculated20 from 

molecular cross-sectional area 
- weight of repeat unit - 

(sample density) - length of repeat unit (i.e., lo)  

30- 

10 20 30 40 50 

(Molecular area, m2I2 x loas 
3 

Fig. 4. Empirical plot of the critical entanglement molecular weight M, vs. the cross-sectional 
area of the chain. The individual points are as follows: o polypropylene, 0- polystyrene, 
poly(viny1 acetate), 4 polycarbonate, b polyethylene> polyisoprene, 0 polydimethylsiloxane, 
eC poly(methy1 methacrylate), 7 poly(ethy1ene oxide), 4 1,4 polybutadiene, and polyisobu- 
tylene. 

0 
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For samples for which A, was not previously given by Vincent,20 the values were 
obtained from data as indicated by Flory.21 For still others, lo  was crudely cal- 
culated from the chemical structure in manner similar to that given in Figure 
5. This last technique is less satisfactory than the experimental determinations, 
in that the calculation as given in Figure 5 should probably be taken over a 
number of repeat units and averaged. For example, the approximate calculation 
for PET as shown in Figure 5, gives a value somewhat too low as compared with 
the experimental value. 

RESULTS AND DISCUSSION 

Predictions of Breaking Stress 

In the preceding section it was stated that the breaking stress under tensile 
impact conditions should depend little (in comparison to the yield stress) on 
temperature according to the LDO hypothesis. To test this point the breaking 
stress UB has been determined under tensile impact conditions (ca. 11 ft/sec being 
the velocity of the pendulum arm at  impact) a t  room temperature and near liq- 
uid-nitrogen temperature for various samples that are ductile a t  room temper- 
ature. The exact temperature of the specimen after immersion in liquid nitrogen 
was not known, since in the experiment the cold sample was transferred to 
room-temperature grips before breaking. The transfer took 3-5 sec. The results 
of this study are given in Table 11. All samples a t  low temperature were found 
to fail in a macroscopically brittle manner with no necking as might be inferred 
from Figure 6. This is to be compared to the behavior a t  room temperature in 
Figure 2. These data reinforce the earlier assumption that ~ J B  is primarily a 
function of the material. In contrast to the relatively insensitive nature of UB 

to the variation in temperature, the yield stress varied more than a factor of two 
between room and low temperature. 

x 0 

Fig. 5. Example of the calculation of the length of the repeat unit lo  of the polymer chain. lo  = 
5.74 X cos 30' + 2 X 1.33 cos35' + 2 X 1.44 cos35' + 1.52 cos35' = 10.75 A. 

TABLE I1 
Effect of Yielding and Necking on Breaking Stress 

Ratio of low-temperature 
Material to room-temperature breaking stress 

Polycarbonate 

Poly(ethy1ene terephthalate) 
(Sample E) 1.05 

Polvsulfone 1.20 

(Sample A) 1.09 
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Ultrahigh-molecular-weight polyethylene (UHMWPE) has been included 
in this study of amorphous polymers because the UHMWPE is expected to be 
highly entangled like the amorphous polymers, and the crystallinity present is 
presumed to be of the fringed micelle type. In other words, the molecular di- 
mensions would tend toward those of the amorphous polymer because of the 
difficulty in untangling due to the very high molecular weight. This aspect will 
be further elaborated on later. 

The pertinent data to be applied to eq. (5) are given in Table I. Twice the 
molecular weight between entanglement points M,  has been previously shown 
to be estimable (Fig. 4) from the molecular cross-sectional area. The predicted 
and experimental breaking stresses (TB are plotted in Figure 7. It should be noted 
that these breaking stresses are not based on the original cross-sectional area 
as is usual in reporting tensile strengths, but rather based on the cross-sectional 
area at  break. While the correspondence between the predicted and experi- 
mental CB'S is not in perfect agreement, the trend is unmistakable. Some of the 

'0 ; 10 Mean yield stress 

Q 
5 
4 5  

b" 
5 10 15 20 25 30 
TB (Experimental strength x psi) 

Fig. 7. Experimental stress at break vs. the stress at break as calculated from eq. (5). Cross- 
hatched area, brittle region, uy 2 UB; 0 ductile failure; 0 brittle failure. 
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scatter about the line in Figure 7 probably arises from imperfect knowledge of 
M ,  and M,,, the assumption that M,  = 2Me, and the crudeness of the model. 
Another possible reason for the scatter may be because of the implicit assumption 
that all connected interentanglement segments across the fracture plane carry 
the load equally and fracture simultaneously. It should be added that the ductile 
results in Table I for poly(pheny1ene oxide) (PPO) were for thin specimens (ca. 
30 mils); tensile impact of thicker PPO specimens (ca. 80 mils) in general led to 
brittle fracture. The experimental data for the thin specimens is in brackets 
while the thick specimen data is unbracketed. Agreement seems especially poor 
between the predictions of the entanglement model and experimental data for 
the ductile break experienced in thin specimens of PPO. 

For all cases the materials having an experimental ag greater than the average 
yield stress (10,000 psi for the samples listed that underwent yielding) produced 
a nonbrittle failure. Conversely, materials having CB’S less than the mean yield 
stress (a,) failed in a brittle manner. This may be understood in terms of Figure 
1 as follows. From average values of the flexural yield strength for poly(viny1 
chloride), crystal polystyrene, polycarbonate, poly(methy1 methacrylate), and 
polysulfone as given in the “polymer Handbook,’’ little systematic variation in 
the yield strengths between the “brittle” materials such as polystyrene and the 
“ductile” materials such as polycarbonate is found. Therefore, the yield stresses 
for most of plastics studied are not substantially different. Therefore the reason 
why the so called brittle materials fail in a brittle manner is clear from Figures 
1 and 7; the breaking stress is lower than the yield stress for the brittle materials 

*and higher in the case of ductile failure. It was observed that, except for the 
UHMWPE, the standard deviation about the mean for the yield stress was only 
f 1300. Consequently, due to the relatively small variation in a, for the samples 
studied here (relative to ag) and the observation that ag varies considerably in 
the present testing configuration, it is concluded that, under tensile impact 
conditions, ag is the primary determinant of  whether a given specimen fails 
in a brittle or ductile manner. ag is the turn primarily determined by the en- 
tanglement density of the network. The breaking stress increases with increasing 
entanglement density (lower molecular weight, Me = M,/2 ,  between entangle- 
ments). 

If the above ideas are correct, then this could explain the lack of ability of 
dynamic mechanical spectra to clearly account for differences in ductile-brittle 
transitions and impact properties of amorphous one-phase polymeric systems. 
This is suggested by the fact that interentanglement effects are unlikely to be 
seen in the dynamic mechanical propertie$ below Tg because of the relatively 
short chain lengths responsible for mechanical damping below Tg. This con- 
clusion is supported by the observation by me that for poly(paramethy1ene 
benzoate), the dynamic mechanical spectra of samples H and I were found to 
be identical between 77 to 373°K. Samples H and I differ only in molecular 
weight. 

While the model presented here would appear to have little in common with 
the widely held idea that ductility or brittleness is a direct result of chain mobility, 
which is in turn often thought to be relatable to mechanical transitions (glass 
and/or secondary), the correlation of M,  with the mass per unit length of the 
polymer chain suggests an indirect connection between ductility and chain 
mobility. The mass per unit length of polymer chain (Mollo) or chain cross- 
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sectional area can be crudely thought of as a steric rigidity factor. Increases in 
chain flexability have been shown to produce22 corresponding decreases in M,, 
very much resembling the empirical relationship used here between M,  and the 
molecular cross-sectional area of the chain. However, no mechanism, other than 
the entanglement model given here, seems to explain in an obvious manner the 
large variations observed in breaking stress. 

It is interesting to note that eq. (2) is essentially the Griffith23 equation, in 
which there is present in the specimen an intrinsic flaw or crack of length 2c E 
lln. While the Griffith equation is not strictly applicable to plastic flow and 
cracks, in which the radius a t  the crack tip approaches atomic dimensions, a 
similar equation derived14 on the basis of the atomic structure of materials leads 
to a similar relation. This relationship has been subsequently applied to an ideal 
glassy state. The practical link between the strength of the idealized glassy state 
and the real polymer (capable of plastic flow) is the key postulate in the treatment 
of the breaking stress as a material property. 

The experimental data given in Table I for UB are those obtained using our 
instrumented impact equipment. Comparison of predictions for ag with the 
data of Vincent2(-' are given in Figure 8. The data of Vincent were obtained by 
varying the temperature in order to pinpoint the brittle-ductile transition. 
Presumably, if the brittle stress varies little with temperature, these values of 
a~ should be comparable with the breaking stresses of interest here. The average 
molecular weights of the samples examined by Vincent were sufficiently high 
so that further increases were reported to not affect the brittle strengths, and 
therefore the term M,/M,, was considered zero for the theoretical calculations 
using eq. (5). While the agreement between the predictions and experimental 
data in Figure 8 are reasonably good for the higher brittle strength materials, 
the observation, that predictions for the brittle strength of the semicrystalline 
materials appear to agree with the experimentally determined ones as well as 
for the amorphous materials, is surprising. More discussion of this point will 
be given later. 
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Fig. 8. Comparison of breaking stresses predicted from eq. (5) with the experimental 

as reported by Vincent (ref. 20). The individual points are 0 polyoxymethylene, 
poly(ethy1ene terephthalate), -0 polysulfone, 0 polycarbonate, poly(viny1 

olypropylene, 7 poly(butene-I), -0 poly(methy1 methacrylate), (polystyrene, 
and tpoly(methy1 pentene-I). 
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Prediction of Tensile Impact Strength 

The measured tensile impact strength should be a measure of the.energy dis- 
sipated per unit of original cross-sectional area. Therefore, for ductile samples 
which undergo necking 

where F d  is the drawing load (see Fig. 2), (TB is the breaking stress as calculated 
earlier, and 1 * is the initial length of the sample which forms the necked region; 
1 * will approach zero for a brittle break. If no volume change is assumed 

For 1 * in f t  and a~ and a d  in lb./in.2, the TIS is calculated to be in f t  lb. in2. From 
Table I a trend between experimental TIS results for the ductile materials and 
those calculated from eq. (6) is evident. These results are also plotted in Figure 
9. As can be seen from the figure, the predicted values are approximately 58% 
of the experimental values, although the correlation appears reasonably good. 
Part of the error may be in the measurement of I * ;  the measurement of I* in- 
volved considerable uncertainty since the demarcation between the necked and 
unnecked sections was not sharp. It should be noted that ( a ~  - a d )  is the energy 
expended per unit volume during the tensile impact experiment. 

Some Serious Difficulties 

While the model presented here appears to give reasonable predictions and 
accounts for a number of heretofore unaccounted for phenomena, many serious 
difficulties remain. The model ignores the complex processes of crack growth, 
crack propagation, crazing and craze fracture, plastic flow, and the dynamics 
of fracture. By assuming that real specimens, which fail by any combination 
of the above failure modes, can be approximated by the failure of an idealized 
glassy entanglement network, it would appear that the assumption that plastic 

Experimental tensile impact strength 
(ft Iblin') 

Fig. 9. Experimental tensile impact strength values vs. those calculated from eqs. (5) and (6). 
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flow, craze formation, and other demonstrable physical failure processes do not 
substantially affect the strength of the material. Of course, macroscopic flaws 
originally present do have a large effect as evidenced by the verification of the 
Griffith equation. 

In the ductile real sample a neck often will form to an approximately constant 
cross-sectional area. Neck propagation then proceeds at  constant load. Thus, 
for the real sample, two new aspects become important. First, the necked section 
is oriented, and as such, should be stronger than the isotropic network from which 
the calculations are made. However, as the neck propagates, older neck sections 
are under approximately constant stress, and as such should be less likely to 
survive according to the dynamics of fracture as indicated by Zhurkov’s rate 
theory.24 In order for my fundamental postulate to be correct, and some ex- 
perimental data have been given in Table I1 to support it, it would appear that 
the effects of these two processes must cancel; a structure “strengthened” due 
to orientation can be made to fail at  the same stress as the original structure if 
we allow increased time for the failure to occur. More work in this area is nec- 
essary to more convincingly demonstrate the physical reality of this postu- 
late. 

The value of I *  in eq. (6) is of critical importance for predicting tensile impact 
strength. At  present no systematic way of predicting it is known to this author. 
However, my experience to date generally indicates that 1* tends to increase with 
breaking stress, although I * varies with molding conditions. Work is continuing 
on this aspect of tensile impact strength and the results will be presented in a 
future publication. 

The agreement between the predicted and experimental breaking strengths 
for both amorphous and polycrystalline polymers of high molecular weight is, 
at  first glance, surprising. However, neutron scattering experiments discussed 
by Flory and Yoon25 have shown that a molecule of polyethylene has essentially 
the same radius of gyration in the melt as in the bulk crystallized state. These 
results indicate that for the crystalline state, relatively high-molecular-weight 
polymers are entangled much like the melt or amorphous state. In other words, 
entanglements are not lost during crystallization. In terms of strength, crys- 
tallites might be considered multifunctional crosslinks, but for ag >> ay these 
crosslinks would probably not contribute measurably to the strength since they 
would be destroyed under stresses exceeding the yield stress. 

CONCLUSIONS 

The agreement of the model with the experimental results leads to the fol- 
lowing conclusions. Under the tensile test conditions used here, whether a given 
amorphous material fails in a brittle manner (usually leading to poor impact 
strength) or in a ductile fashion, depends chiefly on the intrinsic strength of the 
material in tension, which is postulated to be dependent on the entanglement 
network density. The entanglement density is, in turn, dependent on num- 
ber-average molecular weight and the mass per length of the molecular chain 
(proportional to the molecular cross-sectional area). 

If the entanglement model presented here is correct, difficulties in relating 
dynamic mechanical properties below Tg to breaking stress and tensile impact 
properties of amorphous polymers are understandable because below Tg the 
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dynamic mechanical properties mirror relaxation mechanisms of chain segments 
considerably smaller than the interentanglement spacings. 
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